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ABSTRACT: A holistic general multiscale model of polymer degradation has been applied to predict the mechanical properties of poly-

amide 11 after the hydrolytic ageing. Results for elastic modulus, tensile strength, and embrittlement threshold have been compared

with experimental aging in deoxygenated water at 1208C. For all studied properties the modeled trend is close to the experimental

test results confirming hydrolysis induced chain scission and chemicrystalization as the two main mechanisms of property change.

This suggests that the multiscale modeling methodology can provide a valuable alternative to accelerated aging tests. The model also

indicated that the crystalline phase does play a role in the plastic deformation. Moreover, the mechanical equilibrium between effects

of macromolecule degradation and an increased degree of crystallinity has been described. VC 2015 Wiley Periodicals, Inc. J. Appl. Polym.

Sci. 2015, 132, 42792.
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INTRODUCTION

Polyamide 11 (PA11) is commonly used as a material for the

internal pressure sheaths in offshore flexible risers.1 It possesses

good mechanical and barrier properties; however, it is also

known to undergo chemical degradation once exposed to oil

field exploration environments, especially water.2

Therefore, long-term performance of the riser under chemical

and mechanical factors must be evaluated.3 As of today, long-

term performance is evaluated by simple extrapolation of the

experimental data for a certain material (here PA11) in the

expected environment to lifetimes up to 50 years. No considera-

tion is given to the actual mechanisms behind the degradation

process.4

Despite extensive laboratory testing; which requires labor, time

and resources; actual failure in the field often happens long

before (or after) the expected one. Also, without scientific

understanding of the processes in the microscale, extrapolation

of the results to different application cases is very difficult. In

order to improve cost, accuracy, and generality of predictions a

general model of degradation is proposed here.

The present article as Part 3 of a series describes the model con-

sidering the mechanical properties as a function of previously

obtained morphology predictions. This aspect was presented in

Part 2 along with the details of the general modeling methodol-

ogy proposed.5 The experiments were presented in Part 1.6

Multiscale Model of Degradation

The multiscale approach is presented here as a way to improve

the long-term property evaluations. Many models operating on

individual stages of the proposed method exist already. Never-

theless so far the problem has not been treated holistically to

form a multiscale model of degradation from the single-scale

models. The purpose of this study is to change the state of the

art in this research area by linking microscopic degradation

induced by chemical factors to macroscale properties of the

polymer.

Details of the model both in the general case and as applied to

PA11 were presented in the Part 2 of the series.5 The following

section provides a short summary of this description. The input

and output parameters of all constituent models used here for

PA11 are also presented later in the article. The multiscale

model proposed here consists of four fundamental stages as

described below.

Stage 1: Concentration Profile. The concentration profile of

the environmental agents (water, oxygen, acids, etc.) in the

polymer must be evaluated with time. Normally Fick�s diffusion

characteristic is assumed; however, if the shape of the
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concentration profiles is of key importance the validity of this

assumption should be checked.

Diffusion in polyamides is usually considered to follow Fick’s

law.7 The diffusion coefficient of water in Polyamide 11 was

taken from the literature.7 Its value shows, that for PA11 aged

in water diffusion proceeds very fast.1,7 Therefore the environ-

mental agent is uniformly distributed within the material. Poly-

amide 11 will be here considered to be completely saturated,

thus Stage 1 will not be considered in the later parts of the arti-

cle. It is assumed that the amorphous part will absorb water

while the crystalline part remains mostly unaffected.

Stage 2: Kinetic Model—Molecular Level. The effect of chemi-

cal action of the environmental agent on the polymer molecular

properties with time must be found. This is a key part of the

methodology as it predicts the molecular response in the long-

term perspective for which direct empirical evaluation would be

impractical or impossible. The most important property

changes addressed in this task are the molecular weight decrease

of the amorphous phase and the degree of crystallinity

increase.5,6

Jacques kinetic model was chosen to calculate the kinetics of

hydrolytic chain-scission due to its confirmed accuracy and rela-

tive simplicity.8 Chain scissions result in decreased molecular

weight, which in turn decreases stiffness in the amorphous

phase and will eventually cause the embrittlement of the entire

material.9

The molecular weight evolution in Jacques kinetic model is gov-

erned by the following equation:8

Mn tð Þ5Mne

M21
n0 1M21

ne 1 M21
ne 2M21

n0

� �
exp 2Ktð Þ

M21
n0 1M21

ne 2 M21
ne 2M21

n0

� �
exp 2Ktð Þ

(1)

where Mne—equilibrium molecular mass; Mn0—initial molecu-

lar mass; K—experimental pseudo rate constant.

The Jacques kinetic model was presented in more detail in a

previous article5 of the series as well as in the original

reference.8

Moreover the chain scissions tend to destroy the entanglement

network in the amorphous phase and liberate small molecular

segments, which diffuse towards the crysta�ls surface and initiate

chemicrystallisation.10 The Fayolle model predicts the degree of

crystallinity as a function of aging time. Required input includes

the initial crystallinity vc0, molecular weight evolution Mn tð Þ,
and entanglement molecular weight Me :10

v tð Þ5vc01
12vc0

Mn0

Me

� �1
2

21

� � Mn0

Mn tð Þ

� 	1
2

21

" #
(2)

Stage 2 to Stage 3: Scale Bridging. Individual models are

designed to function in a specific scale range. In order to couple

single-scale models and develop larger multiscale model a scale

bridging procedure is required. In the case of the degradation

model proposed here only one such procedure is needed. The

dependence of the glass transition temperature on molecular

weight Tg (Mn) must be found to integrate the kinetic model

with the structure–property relationship. Tg (Mn) can be

obtained with the Fox and Flory equation:9,11

Tg Mnð Þ � T1g 20:002715
T1g

� �3

Mn

(3)

where T1g is the hypothetical Tg for infinite molecular mass.

T1g is a material parameter that can be calculated substituting

the initial Tg and Mn into the former equation.

Stage 3: Structure–Property Relationship. The microstructure–

property relationship yielding local mechanical properties of the

polymer must be found. The multiscale approach proposed here

used topological formalism utilizing connectivity indices defined

via graph theoretical concepts as primary descriptors of the

polymer repeat units. Topology can be seen as a pattern of

interconnections between atoms in a polymer repeat unit. Con-

nectivity indices give information on the electronic configura-

tion and the coordination number for all atoms in the

monomer.9

In order to quantitatively predict polymer properties from the

microstructural data connectivity parameters are correlated with

the experimental results of so called fundamental properties.9

Fundamental material properties are properties in the micro-

scale such as volume occupied by the molecule, cohesive energy,

etc. They are further combined into derived properties on the

macroscale such as density or elastic constants.9 Formulas for

derived properties are obtained by fitting the experimental data

with equations from thermodynamic and molecular theories.

It is argued that this method is more practically feasible than

alternative approaches, e.g., molecular dynamics simulations or

group contribution technique. Molecular dynamics must deal

with time limitation and scale bridging issues.12–14 Group con-

tribution technique cannot be used if estimating the value of

even a single group contribution is problematic. This serious

limitation actually triggered the development of the topological

approach.9,15

The structure of the PA11 repeat unit was analyzed to obtain

the topology data.9 The following values of the connectivity

indices were found and will be used in the model:9

X059:3555; XV
0 58:4793

X156:3938; XV
1 55:6612

(4)--(7)

Generally X0 and X1 provide information on coordination

numbers while XV
0 and XV

1 quantify details of the electronic con-

figuration in the monomer.

The exact procedures required to get the structure–property

relationships in the Stage 3 are different for each property to be

obtained. They are described in detail for the mechanical prop-

erties in the later parts of this article. The model for morphol-

ogy predictions was already featured in the previous article.5

Stage 4: Global Properties. In the final stage the local proper-

ties must be combined into global engineering parameters. This

can be done with several methods such as micromechanical

finite element analysis or composites theory, e.g. Halpin and

Kardos.16
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In the case of PA11 aging described here there is an even distri-

bution of water through the body as the diffusion happens very

quickly. Besides this the current modeling approach has seen

the amorphous matrix as perfectly homogenous with evenly dis-

tributed crystallites. Therefore properties will be uniform

throughout the material and global engineering properties do

not need to be evaluated. Because of this Stage 4 will not be

considered at any point later in the article.

PREDICTION OF THE PA11 MECHANICAL PROPERTIES

This section contains detailed property prediction procedures

for the Young’s modulus, yield strength, embrittlement, and

mechanical equilibrium. It also features comparison between

model and experiment. An analogous section in Part 2 of this

article series considered the density and crystallinity evolution.5

Experimental results relevant for the modeling described here

were reported in detail in previous work.6 They are reported

with error bars representing one standard deviation of parallel

laboratory test results. It is supposed to give a statistically

meaningful comparison between model predictions and labora-

tory testing.

Input and Output Parameters

Table I lists the constituents of multiscale models applied in this

article to calculate mechanical properties of PA11. Table II fea-

tures input parameters for these constituent models, their values

to be used with the property predictions along with reference

and the output parameters produced by the model.

Input parameters can be generally divided into constants and

variables. The constants are the parameters specific for a certain

polymer system. The variables describe conditions specified by

the application. Such variables include aging conditions (hydro-

lysis temperature and time), initial parameters of the studied

sample (initial molecular weight and degree of crystallinity),

and finally test temperature in the case of tensile mechanical

properties.

Predicting Elastic Modulus

The decrease in amorphous Young’s modulus due to chemical

action can be estimated by taking into account the rate of chain

scission from stage two of the present methodology and by

relating it to the number average molecular weight. Then the

change in the glass transition temperature can be found and

used to express Poisson’s ratio and finally elastic constants of

the polymer.20,21

The procedures to calculate the polyme�rs elastic modulus of

the amorphous phase in three different temperature regimes

(glassy, rubbery, and leathery state) have been established.9

Subsequently the obtained amorphous modulus, the assumed

crystalline modulus and the previously calculated crystallinity

evolution v tð Þ have been combined with the Halpin-Tsai short

fiber composite model.16 The crystalline phase is considered

impenetrable to water,1 therefore it is expected to have constant

morphology and properties during degradation. Moreover the

present study followed the approximation used in El-Mazry’s

work.10 It was assumed that the secondary lamellae created in

the process of chemicrystallization possess the physical and

thermal characteristics of the initial primary lamellae.

The modulus calculation procedure is described below showing

the steps that must be taken and stages they belong to:

Input from Microscale Models.

� Step 1. First the specific volume must be obtained as

described in “Predicting Density” chapter of the previous

article5 (Part 2). Conditions corresponding to different poly-

mer states are as follows:

� Glassy state for:

T � Tg ; Tg > 298 K

� Rubbery state for:

T > Tg ; Tg > 298 K

or

T > Tg ; Tg � 298 K

� Step 2. Entanglement molecular weight Me and v tð Þ are cal-

culated as described in “Predicting Crystallinity” section of

the previous article5 (Part 2).

Table I. Constituent Models of Multiscale Approach for Prediction of Var-

ious Properties

Property modeled
(multiscale approach) Constituent models

Modulus Jacques2

Fox and Flory2,3

Bicerano2,3 topological

Seitz3

Rubber3 elasticity

Crystallinity multiscale3

Halpin-Tsai3

Water softening3

Tensile strength Jacques2

Fox and Flory2,3

Bicerano2,3 topological

Wu3

Seitz3

Halpin-Tsai3

Embrittlement Jacques2

Fox and Flory2,3

Bicerano2,3 topological

Seitz3

Tensile strength multiscale2,3

Kausch2–4

Mechanical equilibriuma Modulus3 amorphous multiscale

Crystallinity3 multiscale

Halpin-Tsai2,3

a Molecular weight as an independent variable; numbers indicate stage or
scale bridging in which certain model was introduced—reference in the
main text.
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Stage 3: E tð Þ Amorphous. Glassy state. The bulk modulus and

Poisson’s ratio formulas for a glassy state polymer operate in

the temperature range of:9

T � Tg220 K; Tg > 298 K

For the minor case of T � Tg220 K; Tg � 298 K there are no

correlations with proven accuracy.9

� Step 3. The bulk modulus is calculated as a function of spe-

cific volume and topology of a monomer:9

B Tð Þ � 8:23333 Ecoh1
5V 0Kð Þ4

V Tð Þ5
2

3V 0Kð Þ2

V Tð Þ3

" #
(8)

where Ecoh1 is the Fedor’s type cohesive energy (J/mol).

The cohesive energy can be expressed with the following formula:

Ecoh159882:5 X11358:7 6 Natomic15 Ngroup

� �
(9)

Natomic and Ngroup are the correction terms that can be calcu-

lated as follows:

Natomic54N 2S2ð Þ112Nsulfone2NF13NCl15NBr17Ncyanide (10)

where: N 2S2ð Þ—number of sulfur atoms in the lowest oxidation

state, Nsulfone—number of sulfur atoms in the highest oxidation

state, NF ;NCl; and NBr—total numbers of fluorine, chlorine,

and bromine atoms, Ncyanide—number of nitrogen atoms with

d51 and dV 55.

Ngroup512Nhydroxyl112Namide

12N non2amide– NHð Þ2unit½ �2N alkyl ether2O2ð Þ2NC5C

14N non2amide – C5Oð Þ2 next to nitrogen½ �

17N – C5Oð Þ2in carboxylic acid; ketone or

aldehyde

" # 12N other2 C5Oð Þ2½ �

14N nitrogen atoms in six membered

aromatic rings

 !

(11)

where Nhydroxyl denotes the total number of 2OH groups in

alcohol or phenol environments and Namide is a total number of

amide groups.

For PA11 Ngroup512 and Ecoh1584:7 kJ
mol
: Several atom types

have been found to correlate in the general case with Ecoh1, but

it is irrelevant for PA11 since Natomic50:

The expression for the bulk modulus was obtained from molec-

ular and thermodynamic considerations.20 Polymer repeat units

were assumed to be surrounded by a mean field as described by

the Lennard-Jones potential function:22

V rð Þ54e
r
r

� �12

2
r
r

� �6
� �

(12)

where V rð Þ is the intermolecular potential between the two

molecules, e is the potential well depth, r is the van der WaalsT
ab

le
II

.
C

on
ti

n
u

ed

M
od

el
In

pu
t

pa
ra

m
et

er
s

V
al

ue
s

ch
os

en
O

ut
pu

t
pa

ra
m

et
er

s

W
at

er
so

ft
en

in
g

E
sc

H
al

pi
n-

Ts
ai

m
od

el
E

sa
t—

m
od

ul
us

co
rr

ec
te

d
fo

r
w

at
er

or
pl

as
ti

ci
ze

r
co

nt
en

t

k s
a

t—
w

at
er

so
ft

en
in

g
fa

ct
or

(s
at

ur
at

ed
st

at
e)

0
.7

8
—

ob
ta

in
ed

fr
om

E
(w

t
%

)
re

la
ti

on
c ,l

it
er

at
ur

e1
9

k b
n

d
—

so
ft

en
in

g
fa

ct
or

of
“b

ou
nd

w
at

er
”d

0
.9

3
—

ob
ta

in
ed

fr
om

E
(w

t
%

)
re

la
ti

on
c ,l

it
er

at
ur

e1
9

k r
e

s—
so

ft
en

in
g

fa
ct

or
of

th
e

re
si

du
al

pl
as

ti
ci

ze
re

0
.8

2
—

ob
ta

in
ed

fr
om

re
po

rt
ed

E
p

la
st

2
E

u
n

p
la

st
f ,l

it
er

at
ur

e2

K
au

sc
h

M
e

B
ic

er
an

o
m

od
el

M
W

br
it

tl
e

e
—

em
br

it
tl

em
en

t
th

re
sh

ol
d

a
a

fo
rm

of
P

A
6

—
ex

pe
ct

ed
si

m
ila

r
to

P
A

1
1

.
b

F
or

P
A

6
6

.
c

S
of

te
ni

ng
ef

fe
ct

of
ce

rt
ai

n
w

at
er

co
nt

en
t

is
as

su
m

ed
th

e
sa

m
e

fo
r

al
lp

ol
ya

m
id

es
(d

if
fe

re
nc

e
ar

is
es

so
le

ly
fr

om
va

ri
at

io
n

in
sa

tu
ra

ti
on

ra
te

s
an

d
le

ve
ls

).
d

A
s

in
La

ng
m

ui
r

de
so

rp
ti

on
m

od
el

1
9

(0
.5

%
as

su
m

ed
).

e
2

%
as

su
m

ed
,e

xp
er

im
en

t6
(p

ar
t

1
).

f
S

of
te

ni
ng

ef
fe

ct
of

pl
as

ti
ci

ze
r

is
as

su
m

ed
lin

ea
r

w
it

h
re

sp
ec

t
to

it
s

co
nt

en
t,

lit
er

at
ur

e.
1

9

ARTICLE WILEYONLINELIBRARY.COM/APP

WWW.MATERIALSVIEWS.COM J. APPL. POLYM. SCI. 2015, DOI: 10.1002/APP.4279242792 (5 of 11)

http://onlinelibrary.wiley.com/
http://www.materialsviews.com/


radius, and r is the distance of separation between both

particles.

Based on this the total potential energy of a system was defined

and its partial derivative with respect to the specific volume was

obtained. The latter was then substituted into the thermody-

namic equation state for pressure P below the glass transition

temperature. Finally by taking the derivative of the pressure and

multiplying the result by the specific volume (since

B 5 2V[(dP)/(dV)]T)20 an expression for the bulk modulus as a

function of fundamental properties is obtained.

� Step 4. The Poisson’s ratio m Tð Þ is calculated as a function of

Tg ; temperature, connectivity indices and monomer length:9

m Tð Þ � m01
50T

Tg

0:001631exp 0:459 T2Tg 213
� �
 �� 

(13)

m05m 298 Kð Þ2 14; 900

Tg

0:001631exp 0:459 2852Tg

� �
 �� 
(14)

m 298 Kð Þ50:51323:05431026

ffiffiffiffiffiffi
Vw

lm

r
(15)

where Vw is the van der Waals volume (mL/mol) and lm is a

monomer length in its fully extended conformation (cm).

m Tð Þ was obtained as a fitting function between the experimen-

tal Poisson’s ratio and temperature, m0 is merely used to sim-

plify the notation.20 m 298 Kð Þ was obtained as a fit between the

experimental Poisson’s ratio at room temperature and the cross-

sectional area of the polymer repeat unit.20

� Step 5. Young’s and shear moduli are expressed in relation to

the bulk modulus and Poisson’s ratio

Finally the Young’s modulus is found from elasticity theory for

isotropic materials:

E 52 1 1mð ÞG 5 3 122mð ÞB (16)

Properties here are assumed isotropic at the local level.

Figure 1 summarizes the calculation of the elastic moduli in a

form of a flow chart. It shows that from the architecture of the

macromolecule (green), the temperature (orange) and the initial

Tg it is possible to calculate a wide range of polymer properties

(blue).

Rubbery state. The rubbery state formulas mentioned in this

paragraph function in the temperature range T � Tg130 K for

the shear and bulk modulus and T � Tg for Poisson’s ratio. They

are obtained from rubber elasticity theory as discussed in Ref. 9.

� Step 3. The shear modulus is calculated as a function of tem-

perature, density, specific volume, and Me :

G0
N Tð Þ5 q Tð Þ3RT

Me

ðMpaÞ (17)

q Tð Þ5 M

V Tð Þ ðg=mLÞ (18)

The modulus is here defined only for temperatures in the rub-

bery plateau regime, inception of which is assumed to be at

Tg130 Kð ). This expression does not apply to temperatures in

the terminal zone, where a steep decrease of modulus occurs.9

Since the onset of the terminal zone is not clearly defined, a

practical approach often involves calculating the modulus for

the inception point Tg130 Kð ) and assuming the obtained

value for an arbitrary rubbery plateau.9

� Step 4. The bulk modulus is calculated from the specific vol-

ume and connectivity indices

B Tð Þ5
205V Tð Þ

Vw

V Tð Þ
Vw

21:27
h i2 22329

Vw

V Tð Þ

� �2

(19)

where Vw is the van der Waals volume.

The expression for the bulk modulus in the rubbery state was

obtained in an analogous way to the glassy state. The thermody-

namic equation of state for pressure P above the glass transition

temperature was used.

� Step 5. The Poisso�ns ratio is obtained from the bulk and

shear moduli

m5
3B Tð Þ22G Tð Þ
6B Tð Þ12G Tð Þ (20)

� Step 6. The Young’s modulus is obtained from the shear

modulus and Poisson’s ratio

E Tð Þ52 11m Tð Þ½ �3G0
N Tð Þ (21)

Figure 1. Flow chart for the modulus calculation. Green boxes are related

to the architecture of the molecule and blue boxes describe the macro

properties of the polymer. [Color figure can be viewed in the online issue,

which is available at wileyonlinelibrary.com.]
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Leathery state. Between the glassy and rubbery domain the

transition “leathery” period can be identified. This is modeled

as a linear interpolation between the left boundary considered

glassy and a right one assumed rubbery:

For: Tg 220 K < T < Tg 1 30 K

E Tð Þ5ETg220K2
ETg220K2ETg130K

50K
T2Tg 120 K
� �

(22)

Stage 3: E tð Þ Semicrystalline. Halpin-Tsai model.

� Step 1. The Young’s modulus of the amorphous phase is

taken from the topological approach for either the glassy, the

rubbery, or the leathery state. The crystalline modulus is

taken from the literature.17 It is assumed not to change due

to the exposure to water, because water does not penetrate

the crystalline region.

Ea tð Þ  Elastic modulus model glassy; rubbery; or leatheryð Þ
Ec525 GPa; constant (23)

� Step 2. The Halpin-Tsai short fiber composite model com-

bines moduli of the two phases and the crystallinity change v
tð Þ into a global modulus of the material:16

El tð Þ5Ea tð Þ
11 2Af

� �
glv tð Þ

12glv tð Þ (24)

gl5
Ec=Eað Þ21

Ec=Eað Þ12Af

(25)

Af 5lf =df (26)

where El—longitudinal modulus of the material, Af —aspect

ratio of the crystallite, lf —average length of the crystallite,

df —average diameter of the crystallite.

Because crystallites are assumed to be perfect spherullites Af 51

in this approach: El5Et 5Erandom.

Softening effect of water saturation. Water is known to act in a

similar way as a plasticizer, thus its absorption shall have a soft-

ening effect.19 An empirical relationship with regard to the soft-

ening can be written in the form of:

Esat tð Þ5k tð Þ3E0 (27)

where Esat tð Þ—Young’s modulus of water saturated semicrystal-

line polymer, E0—initial Young’s modulus of semicrystalline

polymer, k tð Þ—time dependent softening factor obtained from

experimental study of isothermal water absorption.19

The above can be also used for other plasticizers as long as

experiments necessary to obtain k tð Þ have been performed. A

summary of relevant softening factors is given in Table II.

The multiscale model used here estimates the effect of plasti-

cizer for PA11. It incorporates experimental results reporting as

much as 2% of remaining plasticizer after exposure in 1208C

and a relative difference in the modulus between plasticized and

unplasticized PA11 as given in the Rilsan documentation.2,6 The

assumption of the linear softening with respect to plasticizer

content is based on water induced softening, which was found

to be nearly linear before reaching a modulus plateau region.19

Elastic Modulus Evolution

The Young’s modulus obtained from the modeling has been

compared with an experimental stress strain curve measured at

a displacement rate of 2 mm/min. The secant modulus was cal-

culated as the slope between 0.2% and 0.5% strain according to

common practice in polymer science. The modulus was also

obtained as the storage modulus tested at 2 Hz in a Dynamic

Mechanical Thermal Analysis (DMTA). Samples used were aged

more than 7 days to assure effects of plasticizer become largely

reduced and they were subsequently dried. Figure 2 summarizes

the comparison between the multiscale model and experiment

(tensile test, DMTA) for the Young’s modulus.

The predicted modulus is in good agreement with the experi-

mental results from the DMTA test, but it is significantly over-

estimated compared with the tensile test. Since the tensile test is

done at a much lower strain rate than the DMTA testing a

change in modulus is to be expected for a viscoelastic polymer.

The multiscale model calculates the theoretical Young’s modu-

lus; however, it does not distinguish between different deforma-

tion modes and it does not account for loading rate dependent

properties. Within the model presented here tensile, flexural

and storage moduli should all yield the same value. The param-

eters used in this model were typically obtained for testing rates

of the DMTA. The Tg reported here for PA11 is a key parameter

obtained by DMTA. Tg is loading rate dependent and this aspect

has not been modeled. It is, therefore, reasonable that the

dynamic storage modulus better accounts for the viscoelastic

nature of polymers than the modulus obtained from the stand-

ard tensile test.

The experimental data (taken with uncertainty values) can be

interpreted as monotonically increasing with an eventual plateau

and this characteristic is well predicted with the model. There-

fore, chemicrystalization and chain scission are confirmed as

the two governing mechanisms of stiffness evolution (following

additive extraction). Some discrepancy between the model and

DMTA result occurs only for the first week of aging, since at

this time a significant amount of plasticizer is still in the sam-

ple. A possible sharp stiffness increase between 4 and 6 weeks of

aging (as observed for the tensile modulus) has been ruled out

after subsequent DMTA tests.

If only the tensile data is available the model can be directly

used to estimate the time to reach the modulus plateau during

hydrolysis. As a practical approach it could also be possible to

measure the tensile modulus experimentally, which can be easily

done. The change of the modulus with time can then be pre-

dicted with the theory described here. Including viscoelastic

effects and using time temperature superposition is planned for

the future.

Predicting Tensile Yield Strength

The multiscale model predicting yield strength incorporates the

Wu equation for the amorphous phase coupled with a compu-

tational procedure (converting tensile strength into modulus via

an empirical relation, calculating global modulus with Halpin-

Tsai equations and finally converting it back to strength) for a
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semicrystalline polymer. The effect of water and residual plasti-

cizer was neglected.

This method considers glassy polymers at temperatures of at

least 208C below their glass transition temperatures.

The tensile yield strength calculation procedure is described below:

� Step 1. Tg , Ecoh1, and V Tð Þ are calculated as described in the

previous sections. The characteristic ratio of polymer macro-

molecule C1 and crystalline modulus Ec are obtained from

the literature.17,18

Stage 3: ra tð Þ.

� Step 2. The amorphous tensile yield strength is calculated

from the Wu model:9

ra tð Þ510 23:361C1ð Þ Tg 2T
� � Ecoh1

V Tð Þ

� 	
(28)

The yield stress ra has been shown to be proportional to

DT 5 Tg 2T and Ecoh1

V Tð Þ, where T is the testing temperature and

Ecoh1

V Tð Þ the cohesive energy density.23 This proportionality is due

to interchain effects on the yield stress. At the yield point of

tensile deformation some bonds start to rotate from cis to

trans conformation causing irreversible extension of some

chains segments. Therefore experimental values of the yield

stress were plotted against intrinsic chain flexibility quantified

by the characteristic ratio C1 in order to obtain the final

formula.23

Stage 3: rsc tð Þ.

� Step 3. The tensile yield stress of the amorphous phase is

converted to Young’s modulus via an empirical relationship,9

the crystalline modulus is again taken from the literature17

E0a5
ra tð Þ
0:028

(29)

Ec525 GPa; constant

� Step 4. The Halpin-Tsai short fiber composite model is com-

bining moduli of the two phases into a global modulus of

the material:16

El tð Þ5E0a
11 2Af

� �
glv tð Þ

12glv tð Þ (30)

where E0a is a amorphous tensile strength converted to

modulus.

� Step 5. The modulus is converted back to strength obtaining

an estimate for the semicrystalline polymer:

rsc tð Þ5El tð Þ30:028 (31)

Tensile Strength Evolution

The experimental tensile strength was obtained by dividing the

maximum load in each stress–strain curve by the original cross-

sectional areas. Figure 3 summarizes the tensile strength com-

parison between the multiscale model and tensile test results.

Predicting tensile strength turns out to be less problematic than

it is the case for the tensile elastic modulus. Here the exact

strength values as well as their change with time are modeled

fairly well.

The multiscale model incorporating the crystalline phase pre-

dicts the experiments much more closely in both absolute value

and trend than one for the amorphous phase only. This sug-

gests that the crystalline phase does play an important role in

the plastic deformation as opposed to the view that this is

solely a matter of the amorphous phase. The above hypothesis

could be experimentally tested in the future by qualitatively

comparing the shape of crystallites in undeformed and

deformed samples.

Predicting Embrittlement

Polymeric materials often undergo embrittlement during chemi-

cal degradation. Two semiempirical methods estimating the Mn

at which the aged material becomes brittle are proposed here.

The models give rough estimates of embrittlement conditions.

Yielding and Brittle Fracture Balance. The yielding-brittle frac-

ture balance method uses local properties of the material (stage

3) to obtain the molecular parameter (stage 2) tied with macro-

scopic behavior of embrittlement. The embrittlement threshold

calculation procedure employing this method is described

below:

� Step 1. The specific volume is calculated as described in pre-

vious sections.

� Step 2. Brittle fracture of the semicrystalline polymer is calcu-

lated as a function of specific volume and monomer length:9

Figure 2. Comparison between modeled and experimental Young’s modu-

lus of the water saturated samples in (a) static tensile and (b) dynamic

mechanical deformation. [Color figure can be viewed in the online issue,

which is available at wileyonlinelibrary.com.]
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rf Tð Þ � 2:288424310113lm

V Tð Þ (32)

The brittle stress to failure is given by the number of bonds

times the strength of an individual bond minus the effect of

structural defects concentrating high stress in local areas.20

Therefore, plotting the number of backbone bonds per unit area

against the measured brittle strength and a subsequent regres-

sion analysis yield the theoretical strength of a fully extended

(M1
w Þ linear polymer. Subsequently, the Mw

Me
ratio at which the

strength goes to zero was used to obtain the molecular weight

dependent brittle fracture stress from the theoretical stress.20

� Step 3. The yield stress of the semicrystalline polymer is cal-

culated with the procedure involving the Wu equation:

ry Tð Þ  tensile strength model

� Step 4. A lower value stress is assigned as a governing mecha-

nism

rf Tð Þ > ry Tð Þ or rf Tð Þ < ry Tð Þ

� Step 5. The embrittlement threshold is estimated.

Embrittlement happens, when the time of exposure causes a

reduction of molecular weight MWbrittle
y2f

� �
for which the

criterion rf Tð Þ < ry Tð Þ is reached.

This method takes crystallinity into account by using yield

strength values (dependent on crystallinity ratio).

Cohesion Based Evaluation. Macromolecules inside the poly-

mer can move apart easily, when cohesion is low. This means

they eventually get completely separated. When the same force

is exerted to material with high cohesion, the molecules would

still stick together. In polymers the entanglement network cre-

ates an important part of intermolecular cohesion forces, deter-

mining the plastic deformation responsible for ultimate

elongation.10 When the number of entanglements per macro-

molecule decreases due to degradation, the Van der Waals inter-

actions remain as the main intermolecular forces. The Van der

Waals forces alone are not strong enough for allowing plastic

deformation. This stage marks the onset of a brittle material.

An appropriate criterion has been developed by Kausch:24

MWbrittle
e � 5 Me (33)

The entanglement molecular weight has been estimated with

the topological model. This method converts the micro-

structural parameter (stage 2) to a molecular parameter tied to

macroscopic behavior of embrittlement.

In the cohesion based evaluation crystallinity is neglected as

influencing brittle fracture. The embrittlement is considered to

happen because of weak intermolecular forces in the amorphous

phase. Consequently, once the amorphous phase gets brittle

there is nothing to hold the crystalline parts together anymore.

Embrittlement Threshold Evaluation

The first of the embrittlement predicting methods proposed

here calculates the molecular weight for which yielding and

fracture stresses are equal marking the onset of PA11’s brittle

failure domain:

MWbrittle
y2f � 9:2 kg=mol (34)

The second method calculates molecular weight for which PA11

entanglement network is no longer able to allow plastic

deformation:

MW brittle
e � 11:4 kg=mol (35)

These modeled values can be compared with the experimentally

established Corrected Inherent Viscosity (CIV) based failure cri-

terion of 1.05 dL/g as given in the American Petroleum Institute

(API) standard.1 The viscosity value can be converted to molec-

ular weight with Jacques equation:8

MWbrittle
API � 13:8kg=mol (36)

MWbrittle
API is an industrial, experience based criterion giving a

molecular weight below which PA11 exhibits brittle behavior.

The modeled embrittlement thresholds mark the minimum

molecular weight for which any plastic deformation is theoreti-

cally possible. The plateau for PA11 hydrolysis is about 17 kg/

mol6—corresponding to initial service acceptance criterion of

1.2 dL/g given by API.1,8 This means that brittle fracture usually

involves additional mechanisms of chain scission.

The two models described above are semiempirical and more

work is needed to determine which approach is best. Also, the

experimental embrittlement definition used in the API standard

is not ideal. However, the advantage of the theoretical methods

given above is their ability to estimate a rough preliminary brit-

tle failure criterion of various polymers without the need for

extensive testing as in the conventional CIV-mechanical method

described by API.

Predicting Mechanical Equilibrium

Following plasticizer depletion the stiffness evolution is modeled

as a competition between degradation of the amorphous phase

and an increasing crystallinity ratio. Initially mechanical proper-

ties are controlled by chemicrystalization, however, the chain

scission gradually takes control over time.

Mechanical equilibrium is here defined as the molecular weight

MW
eq
mech corresponding to a point on a stiffness versus time curve,

Figure 3. Comparison between modeled and experimental tensile strength

evolution. [Color figure can be viewed in the online issue, which is avail-

able at wileyonlinelibrary.com.]
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where effects of degradation and chemicrystalization on the mod-

ulus cancel each other out. This is also the molecular weight for

which the maximum modulus point during aging occurs. After

crossing that point of time degradation takes control. Mechanical

equilibrium has been found by observing how the modeled elastic

modulus changes with decreasing molecular weight directly rather

than indirectly via time and the kinetic model.

Mechanical Equilibrium Evaluation

Equilibrium of degradation and chemicrystalization effects on

PA11 stiffness is predicted here as:

MW
eq
mech � 10:8 kg=mol (37)

This is molecular mass for which the highest value of modulus

is obtained during aging. A further decrease of molecular

weight would see chain scission taking control over stiffness

changes. This does not happen for the studied samples, since

the hydrolysis plateau is around 17 kg/mol.6 However, it may

happen if additional degradation mechanisms are involved, such

as oxidation or UV exposure.

DISCUSSION

In general the model presented here is best understood as a

practical tool providing engineers with fast and accurate predic-

tions of mechanical properties. The model is not only accurate,

but also particularly easy to use due to the analytic form of its

formulas. The fundamental input parameters are available for

most common polymers in the literature. The proposed

approach can be applied to every polymer as long as a kinetic

model for the specific chemical process in the specific material

is known. Such models exist for a wide range of practically

important degradation processes in various materials.

Input parameters for the mechanical properties predictions can

be obtained relatively easy. Information needed for the structure–

property relationship of the amorphous phase (connectivity,

mass and length of the polymer repeat unit) can be directly

obtained from the architecture of the polymer’s repeat unit.

Parameters such as initial molecular weight Mn0 and initial

degree of crystallinity vc0 depend on the studied specimen. Mn0

can be evaluated with viscometric1 and spectrometric25 measure-

ments while by vc0 may be obtained with XRD,26 DSC,6,10 FT-

IR,10 and density6,26 tests. The glass transition temperature Tg is

a material constant available in the literature for numerous poly-

mers.2,9 The model could probably be improved by considering

the rate dependence of Tg . The quantities such as the modulus

of the crystalline phase Ec and the characteristic ratio of macro-

molecules C1 are more difficult to find for every polymer. In

this case, as a practical approach, values for the closest known

material should be assumed. Here the crystalline modulus of

commonly used PA6 was taken as a proxy for PA11. Moreover

the model ignores any possible effects of parameters like crystal-

lite size, distribution, and orientation or molecular weight distri-

bution. It should be possible to develop the model further and

consider these effects in detail. Predictions should also improve

once better input data is available. Nevertheless, the good match

between the model and experiment indicates that the approach

taken here is sufficiently accurate for Polyamide 11.

The main limitation of the proposed model is its semiempirical

nature. Consequently the model cannot provide any theoretical

understanding of property emergence from the structure in the

microscale. It did, however, bring some insights into the work-

ings in larger scales, e.g. it evaluated the role of crystallites in

the plastic deformation and proposed the existence of a

mechanical equilibrium. The theory does not account for the

modulus strain rate dependence, which corresponds to testing

at the arbitrary “standard” rate. Predictions may therefore devi-

ate from experiment in extreme cases, however high accuracy

has been obtained in literature for commonly used loading

rates.9 Moreover the model does not have any theoretical basis

to evaluate the effects of plasticizers and it is best applicable to

dried specimens. Nevertheless for important polymers, water

absorption19 (acting as plasticizer) and plasticizer extraction2

have been linked to changes of the mechanical properties.

Therefore, empirical softening factors can be used to estimate

the properties of water saturated samples with residual plasti-

cizer content in place. Results for Polyamide 11 suggest that this

produces predictions relevant from practical point of view.

CONCLUSIONS

Multiscale modeling results have been compared with experiments

for PA11 hydrolysis during water exposure in 1208C. Experiments

were shown in the initial article of the series (Part 1). The model

was divided into an article describing morphological parameters

during degradation (Part 2), as reported previously, and this work

treating the mechanical properties (Part 3).

For all tested properties the modeled trend is close to the exper-

imental results. This similarity confirms that the modeling

approach chosen here gives relevant results. It also confirms

that hydrolysis induced chain scission and chemicrystalization

are the two main mechanisms of property change, because these

two mechanisms are central to all modeling used. A very good

match between model and experiment has been already

reported in the case of density and crystallinity evolution. In

this work equally good predictions were found for the tensile

yield strength, storage modulus and embrittlement threshold.

Results for the tensile strength suggest that the crystalline phase

does play a role in plastic deformation as opposed to the view that

this is solely a matter of the amorphous phase. The model pre-

dicted the existence of mechanical equilibrium between effects of

macromolecule degradation and increased degree of crystallinity.

The results suggest that the multiscale modeling methodology

can provide faster and less labor extensive alternatives for acceler-

ated aging tests when it comes to long-term property evaluation.
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